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Abstract 

The development of new materials for applications in extreme environments is currently of a great 

importance in modern engineering technologies. Hence, the industries' requirement for enhanced 

structural performance of materials is constantly increasing.  

In the light of that, this study aims to evaluate promising compositions of high-entropy alloys for 

critical applications produced by powder metallurgy through a combination of mechanical alloying 

and solid state sintering. For comparative purposes, the selected compositions were produced by 

liquid state methods as well, such as vacuum induction melting and subsequent casting or 

vacuum arc-melting. The powder metallurgy route enables a consequential development of metal 

matrix composites (MMC) via the manufacturing of oxide dispersed strengthened HEAs. This is 

possible due to inherent in-situ reactions during the process. In case of liquid state fabrication, 

metallic materials with great differences in structures and related properties are manufactured, 

compared to those produced by powder routes. The produced MMCs and their melted 

counterparts are thoroughly studied. A comprehensive evaluation of the influence of the different 

processing methods, especially on the materials’ microstructural features and their mechanical 

properties is undertaken, including the effect of heat treatments on the phase transformations and 

stability of the materials. 

 

Abstrakt 

Vývoj nových materiálů pro součásti v moderních technologiích vystavené extrémním podmínkám 

má v současné době rostoucí význam. Děje se tak v důsledku neustále se zvyšujících požadavků 

průmyslových odvětví na lepší konstrukční vlastnosti nosných materiálů.  

Ve světle těchto faktů si tato studie klade za cíl posoudit nové složení slitin s vysokou entropií, 

které se vyznačují vysokým aplikačním potenciálem pro kritické aplikace. Slitiny jsou připravovány 

práškovou metalurgií, t.j. kombinací mechanického legování a slinování v pevné fázi. Pro účely 

srovnávaní vlastností jsou vybrané kompozice vyrobeny také tradičními metalurgickými metodami 

v roztaveném stavu, jako je vakuové indukční tavení a následné lití nebo vakuové obloukové 

tavení.  

Prášková metalurgie umožňuje postupný vývoj kompozitů s kovovou matricí (MMC) 

prostřednictvím přípravy oxidicky zpevněných HEA slitin. To je možné díky inherentním in-situ 

reakcím během procesu výroby. Když se naopak zvolí výrobní postup z taveniny, připravený 

kovový materiál vykazuje velké rozdíly v mikrostrukturách a souvisejících vlastnostech, 

v porovnání se stejným materiálem vyrobeným práškovou cestou (PM). Vyrobené práškové a 

tavené materiály jsou detailně charakterizovány s ohledem na komplexní vyhodnocení vlivu 

různých metod zpracování. Práce se zejména orientuje na mikrostrukturní charakteristiky 

materiálů a jejich mechanické vlastnosti, včetně vlivu tepelného zpracování na fázové 

transformaci a mikrostrukturní stabilitu připravených materiálů. 

 

Klíčová slova: Vysoko-entropické slitiny; Komplexní koncentrované slitiny; Prášková metalurgie; 

Kompozity; Mikrostruktura; Mechanické vlastnosti; Mechanické legování; Fázové transformace. 

 

Keywords: High Entropy Alloys; Complex Concentrated Alloys; Powder Metallurgy; Composites; 

Microstructure; Mechanical properties; Mechanical Alloying; Phase Transformations. 
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1 Introduction 

Modern engineering technologies require an ever-increasing structural performance, driving the 

research into the development of materials that are lighter, stronger, tougher and multifunctional. 

When it comes to high temperature purposes, there is an even greater challenge: the performance 

characteristics are limited by the operating conditions which can be withstood by the materials 

used.  

A prospective strategy for development of high-temperature resistant alloys could be exploring 

the high-entropy alloys (HEAs) approach, also known as multi-principal element alloys (MPEAs) 

or complex-concentrated alloys (CCAs). HEAs comprise at least five elements with near 

equiatomic compositions without a prominent base element, distinguishing them from the 

conventional alloying tactic, which typically involves a single-base element with addition of small 

proportions of other constituents [1–3]. 

The exploration of HEAs drives the research into the stimulation of new alloys design concept 

and creation of novel property-driven strategies.  Currently, HEAs are being investigated all 

around the world on top scientific research centers. 

These phase/property strategies may be useful for a series of given applications where there is a 

lack of development of new materials. For instance, the exploration of new refractory alloys would 

be of a great significance, as most of the research regarding them took place at latest on 1980’s. 

The reasoning for this is that there is a great challenge on dealing with these kinds of materials, 

as most of them have no room-temperature ductility and exhibit poor corrosion resistance. 

Alternatively, Ni-base superalloys serve as a good substitute for many applications where 

exceptionally high temperatures are not needed, since these alloys fulfill many of the desired 

properties, within the limitations imposed by the reduced melting temperature of this alloy 

compared to refractories. However, for extreme environments, the development of new alloys is 

required and necessary, such as in aerospace applications.  

In this light, this study is focused on comparing some promising compositions of high-entropy 

alloys for high-temperature applications produced by both powder metallurgy and casting routes 

by using pure feedstock metallic elements. When the PM route is chosen, a consequential 

production of metal matrix composites (MMC) via the manufacturing of oxide dispersed 

strengthened HEA matrices is developed due to inherent in-situ reactions during the process. The 

produced MMCs are thoroughly studied and a comprehensive evaluation of the influence of the 

two processing methods specially on the materials’ microstructural features and, consequently, 

on their mechanical properties are assessed. 

The high-entropy alloys’ concept opens room for innumerous possibilities within the compositional 

space, where unique properties could be achieved and, therefore, becoming real potential 

candidates for high-temperature applications. Consequently, profound studies into the topic are 

necessary in order to achieve an optimum level of basic understanding, since properties such as 

mechanical response, creep, oxidation resistance and fatigue of HEAs are in need to be carefully 

studied to see the viability of this alternative approach. 

2 State of the Art  

The main characteristics of a high temperature material should be: ability to tolerate loading at an 

working temperature close to its melting point (≥0.6 𝑇𝑚); resistance to mechanical degradation 
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over extended periods of time, i.e. low rates of creep; microstructural stability at high 

temperatures; oxidation and fatigue resistance; as well as maintenance of properties such as high 

yield stress, ultimate tensile strength and fracture toughness over long exposure times. 

When significant resistance to loading under static, fatigue and creep conditions is required, the 

superalloys, specially nickel-base ones [4–6], have arisen, so far, as the fittest material for most 

of the high-temperature applications (e.g. jet engines, turbines for electricity generation, 

combustors, etc.) due to their unique features. In spite of that, their properties are also limited by 

their high-temperature strength – possessing a melting point of 1455 °C - an absolute limit for 

their temperature capability (in reality, their operating temperature is usually below 1200 °C due 

to some detrimental effects within the microstructure, such as presence of low melting phases, 

cracking and fast growth rate of Al2O3 and Cr2O3 [7], for instance). Therefore, new developments 

in superalloy metallurgy are required for the next generation of high temperature materials. 

Other metallic materials, such as the conventional refractory Nb and Mo alloys, have been 

considered and examined as potential alternatives for high-temperature applications by the 

scientific community, not only to their obvious higher melting points, but as well as their high-

temperature strength and creep resistance, which are their key properties. Simultaneously, 

however, poor low-temperature ductility, very poor oxidation resistance at elevated temperatures 

and their high-density [8] limit the range of applications of many refractory alloys. 

HEAs possess distinctive properties resulting from the novelty of their design concept, including 

– but not limited to - high softening resistance at elevated temperatures and slow diffusion kinetics 

[9], as well as an improved oxidation resistance has been presented by some of them [10], a 

simultaneous combination of high-strength and high-ductility [11], exceptional fracture resistance 

and damage-tolerance even at cryogenic temperatures [12,13], among other interesting features 

that will be further discussed in more detail within the next chapters. 

By a careful selection of appropriate elements in near equiatomic ratio, for instance, refractory 

metals from groups IV, V and VI, one could produce refractory high-entropy alloys (RHEAs) to be 

tailored in a manner to further enhance these unique advantages for demanding applications.  

Additionally, one could produce superalloy-like microstructures utilizing the HEAs approach, the 

so-called high-entropy superalloys, resembling the microstructures exhibited by many nickel base 

superalloys - composed of a disordered FCC matrix with atomically coherent precipitates with an 

ordered FCC (L12) crystal structure. 

Several Al-containing HEAs have been reported to have these superalloy-like microstructures, 

presenting both the conventional γ(fcc) + γ’(ordered L12 precipitates) [14,15] as well as a BCC 

nanoscale precipitates within a coherent B2 matrix (or vice-versa) [16,17], following the same 

fashion. Some of the RHEAs possess better specific strengths from room temperature up to their 

melting points than conventional superalloys, as shown in Fig. 1. 

HEAs are generally fabricated by casting. However, the route is subject to processing problems 

which may be detrimental for the final material. Since the alloys comprise multiple elements, they 

may suffer from selective evaporation of elements with intrinsic low-melting temperatures or 

segregation of elements with high-melting points during the melting. Furthermore, as-cast HEAs 

may possess coarse dendritic structures with precipitation of brittle intermetallic phases [18–20]. 

Alternatively, powder metallurgy (PM) has been proven to be a reliable and low-cost method 

capable of relatively easy and efficient production of a varied scope of advanced materials, 

including high-entropy alloys [21–24]. Compared to casting, PM requires lower temperatures for 
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its processing, since it can be realized through solid state sintering. Additionally, PM can be 

explored as a route for production of metal matrix composites, for example by fabrication of oxide 

dispersed strengthened (ODS) materials. 

 
Fig. 1. Compressive strength in terms of temperature of some refractory HEAs compared to commercially available 

superalloys.  a) Compressive strength vs T. b) Specific strength vs T. The horizontal lines denote the minimum 

requirements for aerospace applications. Adapted from [25].  

 

3 Aims of the Work 

The main goal of this work is to investigate potential alloys that possess a combination of improved 

mechanical properties for applications where specific high strength is required, with special regard 

to high temperature applications. By exploiting the high-entropy alloys approach - through the 

production of HEAs-base metal matrix composites - different compositions of high-entropy alloys 

are characterized in terms of its microstructural features and mechanical properties.  

The goal is achieved by ensuring main objectives that are described as follows:   

1. Microstructural design of the HEAs, based on prediction of phases composition through 

CALPHAD.  

2. Fabrication of the selected HEAs by solid state processing using powder metallurgy route, 

by a combination of mechanical alloying and subsequent sintering. 

3. Examination of powder characteristics due to mechanical alloying and their optimization.  

4. Fabrication of the selected HEAs by liquid state processing. 

5. Heat treatments for microstructural and mechanical properties optimization of the selected 

HEAs. 

6. In-depth microstructural characterization of the alloys in all states.   

7. Verification of the mechanical properties of the obtained microstructures and tribological 

properties at relevant compositions, when applicable. 

8. A comprehensive assessment of the effect of the two manufacturing techniques regarding 

their microstructures; phase composition and constitution; mechanical properties and their 

optimization when necessary.  
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4 Methodology 

4.1 Materials Preparation  

Al0.2Co1.5CrFeNi1.5Ti and Al0.3NbTa0.8Ti1.5V0.2Zr compositions were produced by mechanical 

alloying of feedstock powders. Elemental powders of commercial purity above 99.5 wt. % (Sigma 

Aldrich, Alfa Aesar, CRM and TLS Technik) were milled in a Fritsch Pulverisette 6 planetary ball 

mill, under nitrogen atmosphere (99.9999%) in a sealed bowl, containing hardened bearing steel 

balls (AISI 52100) of 15 mm diameter in a 10:1 ball-to-powder weight ratio (BPR).  

For Al0.2Co1.5CrFeNi1.5Ti, the milling was conducted with a milling speed of 300 RPM for a total 5 

h, comprising of five cycles of 60 min of milling and 30 min idle time followed by wet milling in 

toluene for 30 min. The milled powders were consolidated by spark plasma sintering (Thermal 

Technology LLC 10-4, USA) using a 30 mm graphite die, in vacuum atmosphere at a constant 

pressure of 30 MPa, using 100 °C·min−1 heating rate from RT up to 1000 °C with a 15 min dwell 

time at 550 °C. Then, 50 °C·min−1 rate was used from 1000 °C up to 1100 °C with the final 10 min 

dwell time at 1100 °C.  

For Al0.3NbTa0.8Ti1.5V0.2Zr, the milling was conducted in 250 RPM for 10 h, in 40 cycles of 15 min 

and 1 h idle time followed by wet milling in toluene for 20 min. The sintering was carried out by 

hot pressing (Inductive hot-press IHP, AIT 2009, Austria) at a constant uniaxial pressure of 50 

MPa applied by die pistons on a 50 mm graphite die, at a maximum temperature of 1200°C, 

heating rate of 100 °C.min-1 up to 50 °C from the maximum sintering temperatures. On the last 

50 °C, a heating rate of 25 °C.min-1 was used with a dwell time of 15 min. After densification, the 

electric current of the machines was turned off and all samples were naturally cooled down. 

The Al0.2Co1.5CrFeNi1.5Ti HEA was prepared by vacuum induction melting as well. The ingot was 

cast under argon atmosphere from elemental constituents with purities higher than 99.5 wt. %. 

The process was repeated six times. The Al0.3NbTa0.8Ti1.5V0.2Zr RHEA was produced by vacuum 

arc-melting (AM). The melting took place six times.  

The Al0.3NbTa0.8Ti1.5V0.2Zr was submitted to heat treatments using high vacuum furnace. Heat 

treatment at 1400 ºC – from room temperature up to 1300 ºC took place in a rate of 15 ºC/min; 

from 1300 ºC up to 1400 ºC in a heating rate of 5 ºC/min; 1400 ºC for 1 h; furnace cooling. 

The heat treatment at 1400 ºC is the start point for the following heat treatments. Additional heat 

treatments were performed at 1050 ºC, 800 ºC and 600 ºC, in a rate of 15 ºC/min up to the 

maximum temperature for 30 h, followed by furnace cooling. 

4.2 Microstructural and Mechanical Characterization 

Scanning electron microscopy (SEM) using ZEISS Ultra Plus was performed for microstructural 

characterization. For chemical composition, Energy-dispersive X-ray spectroscopy (EDX) was 

used. Thin foil specimens of Al0.2Co1.5CrFeNi1.5Ti were prepared for Transmission electron 

microscopy (TEM) (Jeol 2200FS) observation of the microstructure by Focused Ion Beam (FIB) 

micromachining inside ZEISS Auriga SEM chamber.  

X-ray diffraction (XRD) analysis was performed using Philips X'Pert Pro diffractometer at 40 kV 

and 30 mA. A continuous scanning was performed between 30° and 100° in 0.02°·min−1 and step 

size of 0.0167°. The radiation used was Cu-Kα with λ = 1.54056 Å.  

Calculation of phase and property diagrams were carried out using ThermoCalc (TCHEA4). 
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Vickers hardness was assessed using microhardness testing according to ISO 6507-1:2005, 

using LECO LM 274 AT hardness tester, with applied loads of 0.2 kg. 

Nanoindentation hardness testing was carried out using CSM Instruments NHT2 nanoindentation 

tester equipped with a Berkovich diamond indenter at acquisition rate of 10 Hz, maximum load of 

100 mN, dwell time of 10 s.  

Three-point bending tests were performed on Al0.2Co1.5CrFeNi1.5Ti HEA, using Zwick Z020, with 

the loading span of 18 mm and a crosshead speed of 1 mm·min−1. For Al0.3NbTa0.8Ti1.5V0.2Zr 

RHEA, the machine used was Zwick 8862, with a span of 20 mm and crosshead speed of 

0.1 mm·min−1. All mirror polished materials had dimensions of 3 × 4 × 23 mm3. 

Elastic modulus was determined by excitation method on the RFDA System 24-3 machine 

according to standard E1876-15.  

Wear tests on Al0.2Co1.5CrFeNi1.5Ti HEA were done on the UMT TriboLab tribometer using 

reciprocal ball-on-plate scheme under dry sliding conditions, while a 9.51 mm-diameter bearing 

steel (AISI 52100) counterpart ball was fixed stationary on the top of the plate under an applied 

normal load on mirror polished samples (5 × 5 × 28 mm3). AISI 52100 bar and as-cast Inconel 

713 were used as reference. Normal loads of 1.2 N and 5 N, stroke length of 10 mm, stroke 

frequency of 2 Hz and test duration of 30 min were used. 

5 Main Results and Discussion 

5.1 Al0.2Co1.5CrFeNi1.5Ti High Entropy Alloy 

5.1.1 Phase Prediction and Microstructural Characterization  

Thermodynamic calculation of phase diagrams for Al0.2Co1.5CrFeNi1.5Ti high-entropy alloy was 

computed (Fig. 2). The alloy designed in this study possesses Al content equal to 3.2 at. %. 

The predicted melting temperature is approximately 1130 ºC. Between temperatures (t) 1130 ºC 

and approximately 1120 ºC, nucleation of the BCC phase should occur. For temperatures (t) 

between 1120 ºC < t < 1090 ºC, nucleation of the FCC phase is initiated. The liquid phase is 

completely absent below 1090 ºC and a concurrent nucleation and growth of BCC and FCC takes 

place. From 985 ºC, FCC#2 should nucleate and grow. Further temperature reduction induces 

the subsequent formation of sigma (at 885 ºC) and Laves phases (at 795 ºC), approximately. The 

prediction of phases by CALPHAD is in good agreement with the experimental observations. 

The XRD pattern analyses of the two Al0.2Co1.5CrFeNi1.5Ti alloys produced by powder metallurgy 

and casting are provided in Fig. 3. After mechanical alloying and SPS densification, the PM HEA 

comprises a major FCC solid solution matrix with volume fraction of 89.3%. The peaks of the 

second most dominant phase were attributed to TiC in 8.0% in fraction. The carbide formation is 

thermodynamically favourable during the powder milling process due to the nature of the 

technique, as previously reported in [26]. Additional peaks in the pattern conforming to the 

remaining 2.7 % fraction of the microstructure correspond to a BCC phase. 

The patterns for the as-cast alloy show the formation of a more complex multi-phase 

microstructure, as compared to the PM HEA, with FCC solid solution again as the predominant 

phase, with additional Laves, sigma and BCC phases. The FCC owns 47.8% fraction; Laves 

phase possesses 30.8%; sigma phase was present with a fraction of 11.5%. The remaining 

fraction of 10.1% is attributed to BCC. 
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Fig. 2. CALPHAD calculations for the studied HEA. a) AlxCo1.5CrFeNi1.5Ti phase diagram from 2.0 < x < 3.6. The 

investigated composition (x = 3.2%) is marked. b) Property diagram of Al0.2Co1.5CrFeNi1.5Ti. 

 
Fig. 3. XRD patterns and phase composition of PM HEA after the SPS densification. 

The lattice constants of the alloys were determined by XRD and by selected area electron 

diffraction patterns (SAEDP) from TEM analysis (Table 1). The comparison shows analogous 

FCC matrices and BCC phases in common. 

PM HEA [Å] 

 aXRD cXRD aSAED cSAED wt.% 

FCC matrix 3.58 3.58 3.61 3.61 89.3 

TiC  4.30 4.30 4.38 4.38 8.0 

BCC 2.93 2.93 2.95 2.95 2.7 

Cast HEA [Å] 

FCC matrix 3.63 3.63  3.67 3.67 47.8 

Laves 4.79 7.79 4.75 7.73 30.8 

sigma (σ) 8.88 4.57 8.82 4.61 11.5 

BCC 2.93 2.93 2.92 2.92 10.1 

Table 1. Comparison of lattice parameters of PM and Cast HEA measured by XRD and selected area electron 

diffraction (SAEDP). 
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The microstructure of the PM alloy is presented in Fig. 5 (FCC matrix and its features) and Fig. 6 

(BCC and carbides). The FCC solid solution matrix can be seen in Fig. 5a, combined with its 

respective SAEDP (Fig. 5b) along the [011] zone axis, confirming the lattice constant as a = 3.61 

Å, i.e., in good agreement with the XRD results (Table 1). The EDX point analysis indicates a 

matrix rich in Fe, Ni and Co (Table 2). 

Annealing twins have been observed within the FCC matrix (Fig. 5c) and further confirmed by 

SAEDP (Fig. 5d). The additional spots of the SAEDP correspond to patterns simulated for FCC 

twins with 60º misorientation to the matrix. The twins are represented by blue dots through the 

reflection planes on the <011> direction by 70.53° [27,28]. The occurrence of annealing twins 

formed due to the high-temperature exposure of the PM HEa during SPS points out to the low 

stacking fault energy (SFE) of the FCC matrix, as the twinning boundary represents a long 

stacking fault (analogous to FCC austenitic steels [29]). The annealing twins are generated during 

recrystallization of the mechanically alloyed powder microstructures [22,30] at the sintering 

temperature. 

The presence of nano-sized coherent precipitates within the FCC matrix in the PM alloy is 

documented in Fig. 5e and confirmed by the SAED patterns along the zone axis [011] in Fig. 5f. 

The coherent ordered FCC phase is represented by a simulation of the supercell reflections 

(yellow dots) surrounding the reflection of the FCC matrix (red dot) in Fig. 5g inset. The supercell 

has a lattice constant about five times larger than the matrix. The coherent precipitates should 

correspond to Ni3Ti precipitates with L12-type ordered lattice structure. CALPHAD predictions 

showed formation of a second FCC (Fig. 2).  

Nano-sized coherent precipitates were formed by precipitation from the FCC matrix while cooling 

after sintering. The mentioned precipitation phenomena can be related to the coherent L12 phase 

formation (γ') in the matrix, which may eventually be transformed to η-phase as previously 

reported on similar HEAs  [15,24], forming a γ/ γ′ relationship with the matrix. This phenomenon 

is analogous to one observed in traditional Ni-base superalloys. 

The globular TiC particles formed in-situ during milling are characterized in Fig. 6a and Fig. 6b. 

The TiC structure was first reported in [31], in which the lattice constant was found to be smaller, 

a = 3.32 Å. The EDX point analysis has confirmed that the phase is Ti-rich (Table 2). 

The minor BCC phase in the PM alloy, rich in Ni, Co and Ti (Table 2) and its respective SAEDP 

along the [-111] zone axis are shown in Fig. 6c,d. 

The microstructures of the Cast HEA variant and their respective SAEDPs are presented in Fig. 

7 (patterns of the major FCC and Laves phases) and Fig. 8 (minor phases: σ and BCC). 

Fig. 7a shows typical microstructural features of the cast alloy, in which the FCC matrix 

surrounded by elongated needle-like Laves and σ phases, and very fine dispersed globular BCC 

precipitates can be observed. 

The SAED patterns of the FCC matrix along [-110] zone axis in the Cast HEA are displayed in 

Fig. 7b. The phase is (Fe, Ni, Co)-rich. 

The Laves phase was only present in the cast alloy and is depicted in Fig. 7c. Its SAEDP along 

the [11-20] zone axis is shown in Fig. 7d. The phase is rich in Co, Ni and Ti corresponding to a 

ratio (Co,Ni)2Ti, as shown in Table 2 and confirmed by EDX maps of the corresponding areas 

marked by red arrows in Fig. 4. 

The σ phase (11.5 at. %) found only in the Cast HEA is denoted by the green arrow in Fig. 8a. Its 

SAEDP together with the simulated pattern along the [100] zone axis for the phase depicted in 
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Fig. 8b. This phase is rich in Cr, Co and Fe (Table 2). The EDX maps (Fig. 4)  also show the 

presence of the same elements in the indicated areas pertaining to the σ phase, as marked by 

the blue arrows.  

The minor BCC phase also present in the Cast HEA is depicted in Fig. 8c, marked with the blue 

arrow. The similarities between the BCC phase in the PM and cast alloys are also evidenced by 

the analogous chemical compositions shown in Table 2, both being Ni-, Co- and Ti-rich.  

Chemical composition [at.%] 

Phase FCC Matrix BCC TiC Laves σ phase Map Sum Spectrum 

Alloy PM Cast PM Cast PM Cast Cast PM Cast 

Al 9.2 7.4 4.1 7.0 0.5 1.3 5.4 3.8 3.3 

Ti 3.6 16.8 19.3 23.5 92.6 28.0 7.1 15.4 15.0 

Cr 10.1 15.4 3.7 4.4 1.4 1.2 28.2 14.5 14.5 

Fe 20.3 17.1 9.8 10.9 2.2 1.9 24.1 15.8 16.1 

Co 28.1 24.4 31.2 25.8 1.8 21.4 20.2 24.4 24.4 

Ni 28.6 19.1 32.0 28.5 1.5 46.2 14.9 26.1 26.7 

Table 2. Comparison of the EDX chemical composition of the PM and cast alloys in their as-sintered and as-cast 

states, respectively. 

 

 
Fig. 4. TEM/EDX mapping of the as-Cast HEA alloy. The Laves phase is denoted by the red arrows, the σ phase is 

marked by blue arrows. 
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Fig. 5. Bright-field TEM image of the PM HEA on the left side and SAED patterns of the phases on the right side. a) 

FCC matrix. b) SAEDP along the [011] zone axis. c) Twin boundary representation within the FCC matrix. d) SAEDP 

of a twin - the red dots are a simulation of the planes along [011]. The blue dots are twins through reflection planes. 

e) Nano-precipitates coherent with FCC matrix. f) SAEDP of the FCC matrix showing coherent precipitates along 
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zone axis [011]. A schematic simulation of the pattern of FCC matrix is represented by red dots. g) Coherent ordered 

FCC phase represented by yellow dots surrounding the reflection from the FCC matrix (red dot). 

 

 
Fig. 6. Bright-field TEM image of Al0.2Co1.5CrFeNi1.5Ti as-sintered PM HEA on the left side and SAEDP of the 

respective phase on the right side. a) Dispersed TiC within the matrix. b) SAEDP from PM HEA of TiC along [011] 

zone axis. c) Representation of BCC phase. d) SAEDP from PM HEA along [-111] zone axis of BCC. 

The difference in the chemical composition of both alloys lies in the Ti partitioning. In the cast 

alloy, the FCC matrix phase is rich in Ti, while in the PM alloy, Ti is depleted. In the PM HEA, Ti 

reacted with C to form TiC, thereby depleting the FCC matrix of Ti. These said, the differences in 

microstructures must be solely a result of different processing routes and temperature profiles. 
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Fig. 7. Bright-field TEM image of the cast HEA on the left side and SAEDP of the respective phase on the right side. 

a) representative microstructure showing all phases present in the alloy. b) SAEDP of the FCC matrix along [-110] 

zone axis. c) Needle-like Laves phase. d) SAEDP of the Laves phase along [11-20] zone axis. 
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Fig. 8. Bright-field TEM image of cast C-HEA on the left side and SAED patterns of the denoted phase on the right 

side. a) representative TEM image showing Laves, σ and BCC phases. b) SAEDP of σ phase along [100] zone axis. 

c) Typical microstructure for needle-like Laves and BCC phases. d) SAEDP of BCC along [111] zone axis. 

For quantitative evaluation of the microstructure, EBSD analyses have been performed, with 

results concerning the phase distribution, orientation and grain sizes of the PM and cast alloys 

presented in Fig. 9 and Fig. 10, respectively.  

With the SPS-process, full density fine-grained samples can be produced, even at relatively short 

sintering periods (10 minutes). The PM alloy possesses a distribution of fine nano-sized grains of 

both FCC and TiC (Fig. 9a,c,d). The average grain sizes of the FCC matrix and TiC are 0.42 μm 

and 0.40 μm, respectively. One can perceive the random orientation of both FCC and TiC grains 

despite the uniaxial pressing during the SPS of the PM alloy, as any type of preferential 

crystallographic texture cannot be detected in Fig. 9b. Due to EBSD resolution constraints, the 

BCC phase is not visible. The fine grain size of the as-sintered PM-HEA is attributed to the high 

thermal stability of the TiC particles, which prevented grain growth of the FCC matrix by grain 

boundary pinning and a consequence of the SPS rapid densification of the severely plastically 

deformed (i.e., grain refined) mechanically alloyed powders.  
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Fig. 9. SEM/EBSD analysis of the PM HEA. a) IPF showing grain orientation maps. b) Pole figures of FCC and TiC 

phases. c) Phase map showing distribution of TiC in FCC matrix. d) Grain size distribution of phases. 

.  
Fig. 10. SEM/EBSD analysis of the as-cast HEA. a) IPF map with reference direction Z. b) Pole figures of FCC and 

Laves phases. c) Phase map showing distribution of Laves in FCC matrix. d) Grain size distribution of phases. 
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The quantitative analysis of the FCC matrix and Laves phases shows that their average grain size 

is 42.8 μm and 5.4 μm, respectively. The large-sized grains of the cast alloy essentially show one 

preferential crystallographic orientation due to dendritic solidification (Fig. 10a). The preferential 

orientation of the cast alloy is attributed to the heterogeneous nucleation, the dendrites crystalize 

in specific directions of heat dissipation at the ingot mould sides, a phenomenon seen often in 

metallic castings. 

The white regions in the EBSD maps correspond to non-indexed areas that were impossible to 

resolve due to the resolution threshold of the method. They may possibly correspond to a mixture 

of nano-sized phases already identified in the TEM images (namely σ, BCC, or the needle-like 

nano-sized Laves phase, documented in Fig. 8a). 
 

5.1.2 Mechanical Properties  

The results of mechanical characterization by means of hardness and bending testing are 

presented in Table 3. The hardness values obtained by Vickers test for PM and Cast HEAs were 

found to be 712 ± 3 HV and 682 ± 10 HV, respectively. The elastic modulus E of each material 

was measured by nanoindentation test. The results show that the PM HEA possesses E modulus 

of 258 ± 10 GPa, while the cast counterpart shows a value of E = 210 ± 20 GPa.  

The bending strength (Rmo) of the PM material was exceptionally high, with values exceeding 

2 GPa (averaging 2018 ± 65 MPa). These values are almost double compared to the Cast HEA, 

which has an average Rmo of 1101 ± 42 MPa.   

  Hardness [HV]  E [GPa] Rmo [MPa] 

Cast 682 ± 10 210 ± 20 1101 ± 42 

PM 712 ± 3 258 ± 10 2018 ± 65 

Table 3. Average hardness, elastic modulus and flexural strength for the PM and Cast HEAs in as-cast and as-

sintered states. 

PM HEA exhibits a much smaller grain size in all phases, with nanosized grains (0.42 μm) of the 

FCC matrix holding 89.3% of the total volume and additional TiC particles pinning the grain 

boundaries. Neither materials showed any significant plastic strain, i.e., their failure occurred 

immediately after the initial elastic loading.  

The reasons for the great differences in mechanical response between both materials are 

primarily explained by their microstructural characteristics. Except for TiC formation in the PM 

alloy, no significant inclusions, segregation of elements or porosity were detected in both alloys, 

suggesting these do not play a role in the mechanical properties. The better mechanical properties 

of PM HEA stem from the advantages of a more uniform microstructure. Additionally, the 

remarkably high strength is attributed to Hall-Petch strengthening. 

The results of the fractographic analysis of the ruptured bending test specimens are presented in 

Fig. 11. The morphology of the fracture surface of the PM alloy is a mixture of ductile and brittle 

fracture mechanisms. The presence of very fine and shallow ductile dimples, shown in Fig. 11a, 

is attributed to the small grain size of the ductile FCC matrix present in a high volume fraction.  

No visible inclusions or other particles were detected inside the dimples, suggesting a strong 

metallurgical bonding of the TiC particles with the matrix (Fig. 11b). It was observed an absence 

of particles inside the dimples for the PM HEA. This suggests that the crack initiated and 

propagated by ductile tearing inside the FCC matrix, forming a dimple-like surface morphology 

formed by adjacent microvoid coalescence [32]. 
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The Cast HEA manifested a significant brittle nature of the fracture surface morphology, with large 

cleavage facets corresponding to brittle phases cracking (Fig. 11d). The green arrow shows a 

typical total cleavage separation of a brittle phase. Some of the brittle facets are surrounded by 

ductile fracture of the FCC matrix (Fig. 11e), in which the deformation creates a ductile bridge 

between the facets, preceding the fracture by cleavage. 

The yellow arrows in Fig. 11d point to the formation of cleavage steps in the crack propagation 

along different crystallographic planes for dissipation of deformation energy. This is a 

consequence of the presence of different nano-sized particles within the matrix, interacting with 

the crack tip and changing the cleavage step mechanism. 

The cast material does not exhibit a major initiation site (Fig. 11f) but rather evidences multiple 

initiation sites from the surface. A typical initiation site is marked in yellow.  

 
Fig. 11. Micrographs of fracture surfaces of the bending specimens. a) PM HEA fracture surface morphology with fine 

ductile dimples. b) Enlarged view of the area (yellow rectangle) showing typical fine ductile dimples. c) PM HEA 

fracture surface with crack initiation site (yellow arrow). d) Typical as-Cast HEA fracture surface having predominantly 

brittle morphology. Brittle cleavage facets (green arrow) and steps (yellow arrow). e) Enlarged view of the area 

(yellow rectangle) showing typical cleavage separation and river patterns. f) Cast HEA: fracture surface overview. 

5.1.3 Tribological Properties  

The specific wear rates of the PM and Cast HEAs in the as-sintered and as-cast states were 

compared with AISI 52100 (conventional wear-resistant steel) and Inconel 713.  

The corresponding values of the worn volumes, as well as the average coefficients of friction 

(COF) recorded in-situ, are provided in Table 4. The variations in the specific wear rates are 

directionally proportional to the worn volume of material and inversely proportional to the force 

applied. 
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Material Worn volume [μm³] COF 

 1.2 N 5 N 1.2 N 5 N 

Cast HEA 0.71 1.07 0.67 ± 0.11 0.66 ± 0.04 

PM HEA 3.25 48.57 0.74 ± 0.08 0.60 ± 0.04 

AISI 52100 5.7 11.85 0.80 ± 0.04 0.67 ± 0.07 

Inconel 713 25.96 134.47 0.81 ± 0.05 0.74 ± 0.04 

Table 4. Total worn volume of each material and corresponding coefficients of friction under 1.2 N and 5 N loads. 

Among all tested materials, the Cast HEA had the best performance under both loading 

conditions, possessing specific wear rates of 1.6×10-8 mm2.N-1 for 1.2 N (corresponding to a 

worn volume of material of 0.71 μm³ and COF = 0.67 ± 0.11) and 2.5×10-8 mm2.N-1 for 5 N (a 

worn volume of 1.07 μm³ and COF = 0.67 ± 0.04). The maximum contact pressures between the 

sphere and the flat surface were calculated to be 0.51 GPa and 0.83 GPa, respectively. 

Surprisingly, in comparison with the traditionally used wear-resistant AISI 52100, the performance 

of the Cast HEA was remarkably higher, achieving a specific wear rate ten times lower than AISI 

52100. 

The PM HEA exhibited results slightly superior to the traditional AISI 52100 under 1.2 N load, as 

its specific wear rate was found to be 7.5×10-8 mm2.N-1 and COF = 0.74 ± 0.08. The worn volume 

was calculated to be 3.25 μm3, i.e., about 4.6 times higher than the worn volume of its cast 

counterpart. 

Under higher loads, the PM material seems to become more fragile. The contact pressures under 

the two loads were calculated to be 0.55 GPa and 0.88 GPa, respectively, i.e., values similar to 

the ones encountered for the Cast HEA. Above 0.55 GPa, the microstructure can no longer 

withstand higher loads and the wear rate substantially increases from 7.5×10-8 mm2.N-1 up to 

1.1×10-6 mm2.N-1, a value almost 15 times higher. Consequently, its wear volume exhibited a 

significant increase to 48.57 μm3. The respective COF equals 0.60 ± 0.04, i.e., lower than that at 

1.2 N load. 

In general, both PM and Cast HEAs showed very good wear resistance under a 1.2 N load, 

superior to the commercially available AISI 52100 or Inconel 713 materials.  

The hardness profiles of the worn surfaces after tribological tests in as-sintered and as-cast HEAs 

were investigated to analyze possible strain hardening effects (Fig. 12). Local strain hardening 

caused by plastic deformation might play a role on the tribological properties of the Cast HEA, as 

coarse-grained microstructures have sufficient space for dislocation glide [33]. This is evidenced 

by the hardness of the Cast HEA worn surface, which increases after the wear test. This effect 

might contribute for the improved wear resistance of the part. In contrast, nanoscale FCC grains 

present in PM HEA have very limited space for dislocation glide; consequently, no local strain 

hardening was observed after the wear test, thus exhibiting an inferior performance in comparison 

with the Cast HEA. 

The TiC exhibited by PM HEA may have a substantial effect on its tribological properties, as it 

acts as reinforcement in a metal matrix composite, enhancing the wear resistance of the material. 

This fact possibly contributes for the enhanced results when subjected to 1.2 N load compared to 

those of the AISI 52100. This is in accordance with other studies [34–37]. 

Under higher loads, the tribological performance of the PM alloy decreases. It is assumed that, 

when the load is increased to 5 N, microcracks are initiated on the very hard TiC. They can block 

the motion of mobile dislocations during shearing, thus, leading to early crack nucleation and 



  

17 
 

propagation and more severe delamination wear. The combined effect of higher stress intensity 

and cracking regions leads to wear rate increase in the PM alloy, in agreement with other studies 

[38]. In contrast, there is no evidence of microcracking regions in the Cast HEA even when 

subjected to high load. 

 
Fig. 12 Plot showing microhardness profiles after wear tests on 5 N load for PM and Cast HEAs. The local hardness 

under the worn track of Cast HEA increased compared to base material (higher distances) due to local strain 

hardening. 

As can be seen in Fig. 13, PM HEA possesses an interesting combination of low specific wear 

rate under 1.2 N load and high flexural strength allied with high hardness. The PM HEA is superior 

in terms of mechanical bending strength, presenting a significant increase in strength, as 

compared to its cast counterpart, while retaining an identical wear rate at 1.2 N. The results of 

PM HEA’s flexural strength are still superior to traditional tool steels, such as AISI 52100 [39], 

AISI A681 O1 [40] and AISI M2 [41,42]. Increasing the load to 5 N during the wear test causes a 

significant reduction in its wear properties, whereas the Cast HEA wear rate remains relatively 

unchanged, maintaining its enhanced tribological properties. 

 
Fig. 13. Specific wear rates vs. flexural strengths (Rmo) of both the PM and the Cast HEA in comparison with 

conventional tool steels.  Data for tool steels are taken from [39–42]. 
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5.2 Al0.3NbTa0.8Ti1.5V0.2Zr  

5.2.1 Microstructural Characterization   

The XRD patterns of both powder metallurgy and arc-melted RHEAs and their respective heat 

treatments are exhibited in Fig. 14. 

 
Fig. 14. XRD patterns of Al0.3NbTa0.8Ti1.5V0.2Zr RHEA. 

The lattice parameters of each detected phase and its content are found in Table 5. 

  PM2 PM5 PM8 PM14 

Phase Lattice Lattice [Å] wt. % Lattice [Å] wt. % Lattice [Å] wt. % Lattice [Å] wt. % 

BCC1 a 3.32 74.7 3.31 76.8 3.32 76.3 3.29 71.4 

BCC2 a 3.34 24.3 3.33 19.4   13.4   20 

Oxide a 4.62 1 4.62 3.8 4.56 5.5 4.64 4.6 

HCP1 a - - - - 3.02 4.8 - - 

  c - - - - 4.72 - - - 

HCP2 a - - - - - - 4.85 4.0 

  c - - - - - - 5.90 - 

  AM2 AM5 AM8 AM14 

Phase Lattice Lattice [Å] wt. % Lattice [Å] wt. % Lattice [Å] wt. % Lattice [Å] wt. % 

BCC1 a 3.34 100 3.32 88.3 3.31 74.2 3.36 70.2 

BCC2 a - - 3.34 11.7 3.39 15.1 3.29 25.5 

HCP1 a - - - - 3.07 10.7 - - 

  c - - - - 4.87   - - 

HCP2 a - - - - - - 4.85 4.3 

  c - - - - - - 5.90   
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Table 5. Lattice parameters from XRD patterns and respective phase content. 

The microstructure of the PM RHEA before heat treatments is exhibited in Fig. 15. The red 

crosses represent EDS point analyses shown in Table 6.  

The SEM images exhibit a nearly full-density microstructure, with virtually almost no pores 

evidenced. The BCC main phase is rich in -Ti, -Nb, -Ta and -Zr. There is a second phase -O rich 

on the grain boundaries, which probably correspond to the oxide particles detected by XRD. 

Please note that the phase is rather small, therefore the chemical composition of the surrounding 

BCC phase is probably being measured, due to the limited spot size of the EDS. 

 
Fig. 15. Microstructure of PM2 RHEA in the as-sintered state. a,b) Overview in SE and BSE modes, respectively. c,d) 

Detail in higher magnification in SE and BSE modes, respectively. The red crosses denote EDS analyses. 

 PM2-As-sintered PM5-1400 ᵒC PM8-1050 ᵒC PM14-600 ᵒC 

[at.%] Point 1 (BCC) Point 2 Point 1 (BCC) Point 2 Point 1 (BCC) Point 1 (BCC) 

Al 6.2 ± 0.1 0.4 ± 0.2 5.2 ± 0.1 4.0 ± 1.0 5.2 ± 0.1 4.4 ± 1.3 

Ti 31.1 ± 0.6 4.6 ± 3.0 31.5 ± 0.4 14.5 ± 0.7 32.3 ± 0.1 35.3 ± 1.4 

V 4.4 ± 0.2 - 4.3 ± 0.3 0.8 ± 0.9 4.7 ± 0.1 4.5 ± 0.4 

Zr 21.7 ± 2.5 52.8 ± 6.7 20.5 ± 0.2 13.4 ± 3.4 18.5 ± 0.1 15.9 ± 1.0 

Nb 19.1 ± 1.1 1.1 ± 0.3 20.0 ± 0.4 12.3 ± 2.1 20.8 ± 0.2 21.80 ± 2.2 

Ta 17.4 ± 1.6 21.2 ± 1.1 18.5 ± 0.1 20.4 ± 2.5 18.6 ± 0.3 18.1 ± 0.5 

O - 19.9 ± 3.5 - 34.6 ± 4.0 - - 

Table 6. Chemical composition of the PM RHEA before and after heat treatments. These values correspond to the 

points exhibited in the SEM images. 

After exposed to 1400 °C for 1h, the microstructure significantly changed, as visible in Fig. 16. 

The alloy exhibits a BCC matrix rich in Ti, Nb, Ta and Zr, and substantially more oxides especially 
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present in the grain boundaries. These oxides are exhibited in  Fig. 16c,d. According to EDS point 

analysis, these are -O, -Ta and -Zr rich. The excessive formation of oxides appears to have taken 

place in the microstructure during the heat treatments. These seem to have been detached from 

the microstructure during polishing.  

 
Fig. 16. Microstructure of PM5 RHEA after exposed to 1400 °C for 1h. a,b) Overview in SE and BSE modes, 

respectively. c,d) Detail in higher magnification in SE and BSE modes. The red crosses are EDS analyses. 

The SEM images in Fig. 16c,d also display another phase growing in the grain boundaries region.  

EDS line spectrum was performed on the material (Fig. 17). The EDS images confirm the 

abundance of -O and -Ta elements on these areas. 

 
Fig. 17. EDS line spectrum on PM5 showing the increase in wt. % of Ta and O in the black areas. 

After exposed to 1050 °C for 30 h, PM8 exhibits a BCC matrix with similar grain morphologies 

and chemical composition as the others, as seem in Fig. 19 and Table 6. Additionally, the oxides 
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are present and the occurrence of a phase growth in the grain boundaries region preferentially 

took place. EDS maps detect that this is a Zr- rich phase, as shown in the next figure.  

 
Fig. 18. EDS maps on PM8 exhibiting the presence of Zr rich phase growing in the grain boundaries. 

Finally, after submitted to 600 °C for 30 h, the PM14 RHEA displays a quite interesting 

microstructure as shown in Fig. 20, composed of BCC grains and very fine nano-sized precipitates 

within the BCC matrix. The oxides are visible in the grain boundaries. 

The arc-melted RHEA in the as-melted state (AM2), on the other hand, is exhibited in Fig. 21a,b. 

Its chemical composition along with the ones of the other samples are shown in Table 7.  AM2 

displays a dendritic microstructure caused by the solidification from the melting. The interdendritic 

region is rich in Ti, Nb and Ta; the dendritic region is Zr-, Ti-, Al-, Nb- rich. 

The alloy (AM5), after subjected to 1400 °C for 1h, shows dissolution of the dendrites and exhibits 

large BCC grains rich in Ti, Zr, Nb and Ta. The SEM images are shown in Fig. 21c,d. 

 
Fig. 19. Microstructure of PM8 RHEA after exposed to 1050 °C for 30h. a,b) Overview in SE and BSE modes, 

respectively. c,d) Detail in higher magnification in SE and BSE modes. The red crosses are EDS analyses. 

After 30 h at 1050 °C, on the other hand, AM8 displays a more complex microstructure, with 

intragrained precipitates within the main BCC phase (Fig. 22), as well as along the grain 

boundaries. According to EDS analyses, these precipitates are rich especially in Zr and Al. The 

BCC phase is consequently depleted of Zr. Al-Zr-rich intermetallics were observed elsewhere for 
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refractory high entropy superalloys [45]. These were showed to be detrimental for the mechanical 

properties. Due to the HCP precipitation, the BCC matrix becomes depleted in Zr. 

Alternatively, after submitting the alloy to a temperature of 600 °C for 30 h directly from the 

homogenization treatment at 1400 °C, very fine nano-sized precipitates appear within the BCC 

main phase.  

 
Fig. 20. Microstructure of PM14 RHEA after exposed to 600 °C for 30h. a,b) Overview in SE and BSE modes, 

respectively. c,d) Detail in higher magnification in SE and BSE modes. The red crosses are EDS analyses. 

 

 AM1 - Arc-melted AM5 - 1400 ᵒC AM8 - 1050 ᵒC AM14 - 600 ᵒC 

[at.%] Point 1  

Dendrites 

Point 2 

Interdendrites 

Point 1 (BCC) Point 1 

(BCC) 

Point 2 Point 1 (BCC) 

Al 4.5 ± 0.1 11.4 ± 0.1 5.7 ± 0.1 5.7 ± 0.2 16.5 ± 2.6 5.8 ± 0.1 

Ti 29.8 ± 0.4 32.2 ± 0.1 31.3 ± 1.0 32.3 ± 0.5 14.8 ± 0.7 31.4 ± 0.4 

V 4.2 ± 0.1 4.3 ± 0.1 3.8 ± 0.2 4.1 ± 0.3 3.4 ± 0.3 4.1 ± 0.2 

Zr 16.3 ± 0.7 26.4 ± 0.1 20.5 ± 0.1 12.1 ± 0.5 58.9 ± 3.2 20.8 ± 0.3 

Nb 22.4 ± 0.3 12.7 ± 0.2 20.6 ± 0.2 26.4 ± 0.17 3.8 ± 0.7 20.2 ± 0.2 

Ta 22.8 ± 0.8 13.0 ± 0.1 18.1 ± 18.2 19.3 ± 0.2 2.6 ± 0.2 17.7 ± 0.8 

Table 7. EDS point analyses of phases present in the arc-melted alloy before and after heat treatments. The 

measurements correspond to the red crosses exhibited in the SEM images. 
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Fig. 21. Microstructure of arc-melted RHEAs. a,b) SEM images of as-melted state in SE and BSE modes, 

respectively. c,d) SEM images of AM5 in SE and BSE modes. The red crosses are EDS analyses. 

 
Fig. 22. Microstructure of AM8 RHEA after exposed to 1050 °C for 30h. a,b) Overview in SE and BSE modes, 

respectively. c,d) Detail in higher magnification in SE and BSE modes. The red crosses are EDS analyses. 
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Fig. 23. Microstructure of AM8 RHEA after exposed to 1050 °C for 30h. a,b) Overview in SE and BSE modes, 

respectively. c,d) Detail in higher magnification in SE and BSE modes. The red crosses are EDS analyses. 

For quantitative evaluation of the microstructure, EBSD analyses have been performed, with 

results concerning the phase distribution, orientation and grain sizes of the PM and arc-melted 

alloys presented in Fig. 24 and Fig. 25, respectively.  

None of the phases comprised in PM RHEA before and after heat treatments show any important 

preferential orientation, as evidenced by their low MUD values. 

The PM RHEA in the as-sintered state (PM2) exhibits very fine BCC matrix with average grain 

sizes of (5.87 ± 0.4) µm. The oxides were measured to possess sizes of (0.89 ± 0.10) µm. They 

are mainly dispersed along the grain boundaries of the matrix.  

After being submitted to heat treatment of 1 h at 1400 °C, the BCC matrix suffers significant grain 

growth, showing an average grain size of (18.01 ± 1.27) µm. The oxides do not grow substantially 

in size, with an average of (0.93 ± 0.21) µm. 

Additional heat treatment at 1050 °C for 30 h induces only a slight further growth of the BCC 

matrix, showing average grain sizes of (18.76 ± 0.54) µm. The oxides here exhibit an average 

grain size of (1.31 ± 0.11) µm. 

Alternative heat treatment at 600 °C for 30 h directly from the heat treatment at 1400 °C evidences 

similar grain sizes as in the previous state, with BCC matrix showing an average of (17.93 ± 0.42) 

µm grain size. The oxides display sizes of (1.14 ± 0.16) µm. 

The arc-melted RHEA, contrarily, exhibits importantly larger grain sizes in all states. The as-

melted state (AM2) shows a slight preferential crystallographic orientation due to the formation of 

the dendrites caused by the solidification development. However, its MUD is low and comparable 

to the other states, therefore this preference is not strong. The grain sizes exhibited by the BCC 
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phase in this state averages (147.20 ± 25.8) µm. The large uncertainty is resulting from the large 

grains pertaining to the preferential orientation. 

The arc-melted material, in the as-melted state, exhibits much larger BCC grains as compared to 

the PM counterpart. This is in contradiction with the results obtained by SEM, where a two-phase 

field is visible by the dendritic/interdendritic regions, with dissimilar chemical compositions. This 

is explained by the fact that these two phases might possess very close lattice parameters and 

their patterns are overlapped on one another, in which the Rietveld refinement was not possible 

to resolve the slight differences. SAED patterns, however, may be able to identify both phases. 

Interdendrites are rich in Ti, Nb, Ta; dendrites are rich in Zr, Al and Ti. Similar results were 

obtained by Soni et al. [43] in similar composition for the BCC and B2 phases, respectively. 

After heat treatments, the AM RHEA do not show any significant crystallographic texture as 

evidenced by Fig. 25a,d,g,j and their respective inverse pole figures. The homogenization at 1400 

°C for 1 h, induces significant growth in AM5 alloy’s BCC grain size, showing an average of 

(255.52 ± 6.16) µm. The significant grain growth, in comparison with the PM counterpart, is 

regarded to the absence of oxides, therefore dislocation movement is not hindered at a 

comparable extent as in the PM RHEA.  

Additional heat treatment at 1050 °C for 30 h induces a slight grain size increase in AM8, with an 

average of (258.74 ± 8.01) µm. Alternatively, with aging at 600 °C for 30 h, AM14 do not suffer 

any important increase in grain size of the BCC phase, exhibiting average sizes of (246.50 ± 6.23) 

µm.  

One can notice that the phase formation in both manufacturing routes lead to similar results, with 

exception of oxides, similar phases appeared to be the present in both materials. This is possibly 

attributed to a not very high content of oxides in the PM material, at the extent of not compromising 

the formation of other phases.  

The PM exhibits a much more refined microstructure as compared to its arc-melted bulks, induced 

by severe deformation caused by previous ball milling during mechanical alloying. The oxides are 

acting as importantly pinning the grain boundaries and avoiding further grain growth of the BCC 

matrix, even at very high temperatures of exposure and prolonged times, showing a contributing 

to a higher thermal stability of the material, at some extent.  
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Fig. 24. SEM EBSD analysis of the PM RHEA. a,d,g,j) Grain orientation maps of PM2, PM5, PM8 and PM14 with 

reference direction Z denoted in 1, the grain orientation reference is shown in 2. b,e,h,k) Phase map with distribution 

of BCC and Oxide phases in PM2, PM5, PM8 and PM14. The corresponding legend is shown in 4. c,f,i,l) IPF 

denoting orientation in X, Y and Z direction with MUD reference in 3. 



  

27 
 

 
Fig. 25. SEM EBSD analysis of the AM RHEA. a,d,g,j) Grain orientation maps of AM2, AM5, AM8 and AM14 with 

reference direction Z denoted in 1, the grain orientation reference is shown in 2. b,e,h,k) Phase map showing 

distribution of BCC and Oxide phases in AM1, AM4, AM7, AM10 and AM13 with legend in 4. c,f,i,l) IPF denoting 

orientation in X, Y and Z direction with MUD reference in 3. 

5.2.2 Mechanical Properties  

The mechanical behaviour of the RHEAs produced by arc-melting and powder metallurgy were 

assessed by Vickers microhardness and nanoindentation hardness for calculation of elastic 

modulus in all materials. After heat treatments, excitation method for measuring the elastic 

modulus and flexural tests were performed on the aged samples. The results are shown in Table 

8. 
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 Hardness 

[HV] 

E. Modulus 

(Indentation) [GPa] 

E. Modulus (Exc. 

Method) [GPa] 

Stress at Max. 

Load [MPa] 

AM2  495 ± 4 121 ± 1 - - 

AM5 - 1400°C 502 ± 9 117 ± 2 99.91 ± 0.01 294.2 ± 37.6 

AM8 - 1050°C 585 ± 7 125 ± 1 105.25 ± 0.12 414.1 ± 22.1 

AM14 - 600°C 498 ± 9 128 ± 4 110.75 ± 0.25 701.9 ± 51.4 

PM2  556 ± 4 127 ± 3 - - 

PM5 - 1400°C 574 ± 11 119 ± 4 103.47 ± 0.15 599.5 ± 87.0 

PM8 - 1050°C 620 ± 7 127 ± 3 106.21 ± 0.28 564.3 

PM14 - 600°C 612 ± 5 129 ± 2 109.32 ± 0.22 1128.2 ± 74.4 

Table 8. Results of PM and AM RHEAs exposed to heat treatments in terms of hardness, elastic modulus and 

flexural tests. 

The PM material before and after heat treatments possess hardness and elastic modulus with 

values higher than their arc-melted counterparts. This stems from the fact that the PM RHEA acts 

as a composite, with in-situ formed oxides within a BCC metal matrix. Despite the production of 

both routes was solely made by feedstock materials with elements of commercial purity above 

99.9 wt.%. Additionally, the powders were handled under protective atmosphere in a glovebox. 

Yet, oxide particles were in-situ formed and act as reinforcement to the material, increasing the 

hardness and elastic modulus of the material as compared to its arc-melted counterpart.  

The results of flexural tests show that AM14 and PM14 exhibit the highest stresses at maximum 

load. This is attributed to their unique microstructural features possessing a BCC matrix and very 

fine nano-precipitates dispersed along the entire BCC grain regions. The flexural test results 

performed at room temperature are exhibited in Fig. 26.  

 
Fig. 26. Curves taken from flexural tests displaying flexural stress vs deflection. 

Additionally, PM14 contains oxides imposing high strength to the material and acting as 

reinforcements in a metal BCC matrix. This greatly improves the flexural strength of the material 
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to values up to 1202.6 MPa, in comparison to its arc-melted counterpart (753.3 MPa). This renders 

a 60% increase in strength at this condition due to use of powder metallurgy route. 

It is possible to see that all materials behave in a brittle manner, as no important strain is observed. 

This is expected at room temperatures, since at such low temperatures, an intrinsic brittle 

behaviour is expect for refractory metals. The ductility of refractory high entropy alloys at higher 

temperatures is expected to greatly improve, as shown by several other studies [43,46,47]. This 

is due to BCC metals characteristic brittle-to-ductile-transition (TBDT) phenomenon, therefore 

completely changing the behaviour of these alloys at higher temperatures. 

For a more detailed assessment, after the fracture, the materials were analyzed by SEM in order 

to evaluate the fractography of the ruptured specimens on their cross section.  

The results of the fractographic analysis of the arc-melted alloy submitted to 1400 °C for 1h (AM5) 

are shown in Fig. 27. The other arc-melted alloys exposed to 1050 °C and 600 °C for 30h (AM8 

and AM14, respectively) are shown in Fig. 28 and 29, in order.  

The arc-melted alloys exhibit a typical brittle fracture surface morphology in all states, with large 

cleavage facets corresponding to the cracking of brittle phases with multiple initiation sites. For 

instance, in Fig. 27c,d is possible to observe typical total cleavage separation of brittle phase. 

These are exhibited for all arc-melted alloys. 

The results of PM RHEA exposed to 1400 °C for 1h is shown in Fig. 30; to 1050 °C for 30h is 

shown in Fig. 31 and at °C for 30h is shown in Fig. 32.  

 
Fig. 27. SEM micrographs of fracture surfaces of AM5 bending specimens. a,b) Typical fracture surface morphology 

using SE and BSE detectors, respectively. c,d) Enlarged view of the microstructure in SE and BSE modes. 
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Fig. 28. SEM micrographs of fracture surfaces of AM8 bending specimens. a,b) Typical fracture surface morphology 

using SE and BSE detectors, respectively. c,d) Enlarged view of the in SE and BSE modes. 

 
Fig. 29. SEM micrographs of fracture surfaces of AM14 bending specimens. a,b) Typical fracture surface morphology 

using SE and BSE detectors, respectively. c,d) Enlarged view of the microstructure in SE and BSE modes. e,f) 
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Highly-magnified views, using SE and BSE modes, respectively. g,h) Enlarged view of the rectangle shown in (e), in 

SE and BSE modes. 

The PM material exhibits also brittle fracture mechanisms in all states with cleavage facets 

present, however several differences are shown in comparison with AM counterparts. Firstly, the 

grain sizes are much smaller for the powder metallurgy materials. Additionally, a large amount of 

areas pertaining to oxide particles mostly along the grain boundaries are seen. These were 

detached from the matrix, indicating a weak metallurgical bonding of the oxides with the matrix. 

These alloys evidence multiple initiation sites from the surface. Typical initiation sites are marked 

in red arrows.  

 
Fig. 30. SEM micrographs of fracture surfaces of PM5 bending specimens. a,b) Typical fracture surface morphology 

using SE and BSE detectors, respectively. The red arrows point to crack initiation locations. c,d) Enlarged view of the 

microstructure in SE and BSE modes. e,f)Further enlarged views of the microstructure in SE and BSE modes, 

respectively. 

In regard to the morphology of the fracture surfaces, the whole set of PM flexural samples exhibit 

mixture of inter and transgranular fractures, with multiple crack initiation sites.  

PM14 shows prevalence of intergranular fracture along the grain boundaries, due to their 

weakening by presence of oxides, visibly detached during the flexural testing. This points to the 

weak interphase bonding between the matrix phase and the oxide particles, despite the high 
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strength presented by the alloy at room temperature. PM5 and PM8 samples show similar 

behaviour. They show much higher fraction of transgranular fracture (cleavage), compared to 

PM14. The broken grains in PM5 and PM8 show either cleavage facets fracture features with 

protruding ridges or total cleavage fracture with flat surfaces.  

 
Fig. 31. SEM micrographs of fracture surfaces of PM8 bending specimens. a,d) Typical fracture surface morphology 

using SE and BSE detectors, respectively. b,c) Enlarged view of the microstructure in SE and BSE modes. 

e,f)Further enlarged views of the microstructure in SE and BSE modes. 

The arc melted materials, on the other hand, displayed all fully transgranular fracture. 

Consequently, the grain boundaries are not weakened, in comparison to the grain interior area. 

Again, the material heat treated at 600 °C for 30 hours named AM14 endured the highest stresses. 

The transgranular fracture surfaces showed mostly cleavage facets. Additionally, the highly-

magnified images (Fig. 29c-f) show that the fracture surfaces are not flat. Their excessive topology 

is caused by the presence of nano-precipitates of BCC phase. By this mechanism, the crack 

growth is hindered, leading to postponed total fracture compared to other sample lacking BCC 

nano-precipitates. AM5 and AM8 samples show similar behaviour, again similar to their 

corresponding PM materials. The samples displayed coarse-grained transgranular fracture, with 
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relatively flat surfaces. At certain area on the fracture surface, cleavage facets and ridges are 

visible. However, at highly magnified images, the surfaces are much flatter compared to AM14. 

These facts imply that less energy was consumed for the crack propagation leading to earlier 

fracture (with respect to AM14).  

 
Fig. 32. SEM micrographs of fracture surfaces of PM14 bending specimens. a,b) Typical fracture surface morphology 

using SE and BSE detectors, respectively. c,d) Enlarged view of the microstructure in SE and BSE modes. 

e,f)Further enlarged views of the microstructure of the area shown by the rectangle in (d) in SE and BSE modes, 

respectively. g,h) Area exhibited by the rectangle in (d) in SE and BSE modes, respectively. 
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6 Conclusions 

In this work, the high entropy alloys Al0.2Co1.5CrFeNi1.5Ti and Al0.3NbTa0.8Ti1.5V0.2Zr were prepared 

by mechanical alloying and subsequent solid state sintering. The compositions were also 

prepared by liquid state processes for comparison. The microstructural characterization of the 

manufactured materials and their mechanical properties were evaluated. When the powder 

metallurgy (PM) route is chosen, a successful production of metal matrix composites is feasible. 

This is due to in-situ reactions occurring during the process, producing a high entropy alloy’s 

matrix reinforced with homogeneously dispersed ceramic particles (oxides/carbides). The amount 

of particles is dependent upon the purity of the feedstock materials before mechanical alloying; 

the powder handling either inside a glovebox under protective atmosphere or in air; the milling 

time; sintering temperature and time. These particles have a great influence on suppressing the 

grain growth of the produced material during high temperature exposures due to pinning of the 

grain boundaries. They retard dislocation movement, thus contributing to the materials strength.  

In contrast, by using liquid state processes, pure metals possessing microstructures with 

significantly enlarged grain sizes are produced. However, in general, there are problems 

associated to producing metals containing elements of high melting temperatures, since these 

often segregate and might not fully dissolve. At the same time, when low melting temperature 

elements are added to the alloying process, these may evaporate to a certain extent. 

The conclusions regarding Al0.2Co1.5CrFeNi1.5Ti composition are summarized below: 

 The results are in good agreement with the predicted phases obtained by CALPHAD. 

 The PM alloy has exhibited a remarkable flexural strength Rmo = 2018 MPa, elastic 

modulus E = 258 GPa, and hardness 712 HV. These values were far superior to the cast 

counterpart (1101 MPa, 210 GPa, 682 HV), which was deteriorated by the high content of 

brittle phases. Surprisingly, in contrast to the strength values, the PM alloy displayed an 

unexpected ductile fracture behavior, a consequence of the ductile nature of FCC phase 

and a strong TiC particle-matrix interface. 

 At low loads, the PM alloy showed wear resistance surpassing that of the tool steel AISI 

52100 or Inconel 713. The wear resistance significantly decreased under an increasing 

load. Despite the rather weaker mechanical properties, the cast alloy exhibited the best 

wear properties among all tested materials at both tested loads.  

 Mild-oxidational wear is the predominant tribological regime for both PM and Cast HEAs. 

The adhesive wear's tendency of Cast HEA is hindered to some extent, since the volume 

fraction of the disordered FCC phase is about one half relative to its PM counterpart, as 

ductile FCC phase is more inclined to form adhesive bonds. The hard TCP phases present 

in Cast HEA serve as barriers to delamination wear, enhancing wear resistance. 

 PM is better suited for the manufacturing of mechanically resistant, fine-grained HEAs with 

very homogenous microstructures and enhanced wear resistance. Alternatively, casting 

is better suited for manufacturing of wear resistant HEAs for applications where their 

intrinsic brittleness is not an issue. 

The conclusions regarding Al0.3NbTa0.8Ti1.5V0.2Zr RHEA are summarized below: 

 The PM RHEA exhibits a much more refined microstructure as compared to its arc-melted 

bulks, induced by severe deformation caused by previous ball milling. The oxides are 
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acting by pinning the grain boundaries and avoiding further grain growth of the BCC matrix, 

even at high temperatures of exposure and long times, indicating thermal stability.  

 The PM material before and after heat treatments possess hardness, elastic modulus and 

flexural strengths with values higher than their arc-melted counterparts. This stems from 

the fact that the PM RHEA acts as a composite, with in-situ formed oxides within a BCC 

metal matrix. The elastic modulus of the materials seems to increase with the increase in 

amount of secondary phases upon heat treatments. 

 A remarkable flexural strength of 1200 MPa was achieved for the refractory PM material 

upon the combination of heat treatments of 1400 ᵒC for 1 h and subsequent 600ᵒC for 

30 h. This value is approximately 60 % higher than that exhibited by the AM counterpart. 

This is attributed to the presence of ceramic particles acting as reinforcements in a metal 

matrix in PM bulk, and very fine nanoprecipitates of BCC in a plate-like morphology. The 

arc melted counterpart showed significantly lower strength at the same condition (753 

MPa), yet exhibiting the best results among the arc-melted materials. The nano-sized BCC 

precipitates greatly strengthen the bulk materials when produced by both manufacturing 

routes. In opposition, the other samples did not have such high strengths, as they do not 

exhibit plate-like BCC nanoprecipitates. 

 All Al0.3NbTa0.8Ti1.5V0.2Zr RHEAs, before and after heat treatments, exhibit a brittle 

character of the fracture behaviour. This is anticipated at room temperature, since at such 

low temperatures, an intrinsic brittle behaviour is expect for refractory metals. 
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